Organic solar cell blends comprised of an electron donating polymer and electron accepting fullerene typically form upon solution casting a thin-film structure made up of a complex mixture of phases.
Organic photovoltaics (OPVs) have seen a rapid increase in performance over recent years, with certain polymer:fullerene blends now reaching efficiencies of more than 10%. This improvement has mainly been due to intense materials development efforts. Despite these activities, however, key understanding of various relevant aspects that dictate the structural and optoelectronics landscape of many OPV materials, is still lacking. For instance, it is still unclear why specic acceptors work well only in combination with certain donors. 1 Moreover, thorough knowledge has not been established why small variations in the chemical structure of the active materials in certain cases can lead to signicant differences in device performance while in other scenarios essentially identical device characteristics are obtained.
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One reason for these differences that are observed in devices even for structurally very similar materials is that the manipulation of the chemical structure oen results in alteration of the energy levels, 1, 3 which, in the case of the LUMO of the acceptor, should either promote charge dissociation or increase the open circuit voltage (V oc ) with a given donor. Chemical changes lead, however, also to a different miscibility of the two components, which can affect OPV device characteristics considerably, 4 as well as a different thermal behaviour. There is, hence, a strong drive to improve our understanding of the interplay of: solubility in a given solvent, mutual miscibility of the two components and their aggregation/crystallisation behaviour, on the nal photo-physical properties of such donor:acceptor blends. More specically, in-depth insights are required about the solubility of the donor and acceptor in a given solvent and how this inuences the solidication of each material during solution casting and, indeed, their solidication sequence. This in turn strongly determines to what extent the materials can molecularly order and whether kinetic and/or thermodynamic vitrication dominates solidication, which can result in the formation of a highly intermixed solid solution that is in most cases amorphous. Conversely, if the materials crystallise -at least partly -during casting, knowledge has to be obtained whether coarse phase separation occurs, resulting oen in the formation of large, relatively phase-pure domains.
In order to elucidate how these phenomena and resulting phase morphologies affect the processes relevant in photovoltaic devices, we selected donor:acceptor systems utilising three different C 60 fullerene derivatives as the acceptor, namely, [6, 6] . These show signicant promise in terms of both device performance 5 and for scale-up of production. Also, since these fullerenes have different chemical structures, they are expected to exhibit different miscibility with the same donor polymer. Furthermore, as these three fullerene derivatives are known to have relatively high glass transition temperatures, T g , 6 we might also encounter differences in the kinetically driven vitrication of the solution cast blend lms -all factors that can strongly affect the solid-state microstructure formation of such blends.
As the donor, we chose a polymer with well understood and measureable crystallisation behaviour, i.e. regioregular poly(3-hexylthiophene-2,5-diyl) (rr-P3HT). This allows for a clear comparison of the effect of the respective fullerenes on the formation of molecularly ordered domains within the polymer and the resulting fractions of mixed and pure phases that will be present in the nal solid-state structure. Furthermore, rr-P3HT, unlike many polymers shows distinct phase transitions observable during thermal analysis, thereby providing an additional tool to probe donor:acceptor compatibility, as well as structural characteristics of the resulting blends. A relatively high molecular weight material was utilised (M w z 135 kg mol
À1
, PDI z 1.9) to further drive vitrication. Gained knowledge should however be applicable to other donor:acceptor systems, including higher performing systems, as many will show either kinetically or thermodynamically driven vitrication -or both.
We rst set out to gain an initial understanding of the fullerene's inuence on structure formation in the corresponding blends, by studying the thermal behaviour of the selected rr-P3HT:fullerene systems using differential scanning calorimetry (DSC). To this end, we prepared solution-cast lms of rr-P3HT:fullerene mixtures with varying donor-acceptor ratio from a solvent mixture of chlorobenzene (CB) containing 1.5 vol% of 1-chloronaphthalene (CN). Crystallization was allowed to proceed at room temperature under evaporative conditions. Prolonged drying in vacuum (without heating, see Experimental section) guaranteed removal of (co-)solvent residues. Subsequently, we determined the polymer's melting temperature (T m ) as a function of fullerene content using the end of melting temperatures.
In Fig. 1B , the thermograms (rst heating) for various rr-P3HT:fullerene blends are shown. Independent of what fullerene we used, a clear depression of the non-equilibrium melting temperature of rr-P3HT with increasing acceptor fraction is observed (Fig. 1B) , with the depression increasing in the order: bis[60]PCBM < [60]PCBM < [60]ICBA. In Fig. 1C we plot the end-of-melting temperature as a function of the (approximate) volume fraction of fullerene. The conversion from weight to volume fraction was accomplished using the straightforward relation for a binary system:
and w respectively representing volume and weight fraction. The mass densities of polymer 7 and fullerene 8 were taken to be $1 and $1.5 g cm À3 , respectively.
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A depression in the non-equilibrium melting temperature has two major contributions: (i) thermodynamic:
10 lowering of the supercooling due to depression of the equilibrium melting temperature upon blending, and (ii) kinetic: the size of the crystallites remaining limited due to kinetic vitrication of the amorphous fractions. In donor:acceptor binaries, the latter means that upon blending the crystallization process of at least one component may be prohibited (or be at least strongly hindered), leading to the formation of a highly intermixed, quenched 'solid solution', wherein a substantial fraction of the polymer is frozen into a nely intermixed state with the fullerene, as has been shown for rr-P3HT:[60]PCBM binaries.
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In order to describe the depression in the non-equilibrium melting point, we constructed an approximate model for rr-P3HT crystallization including thermodynamic as well as kinetic aspects. The model subdivides the crystallization process in two stages: (i) an isothermal stage representing drying of the solution-cast lm, and (ii) a subsequent non-isothermal stage representing the rst heating run in the DSC. The primary aim of this exercise is not to provide a detailed mechanistic treatment of crystallization and melting during the various processing and analysis steps, but rather to allow for internal comparison between the three blend systems of the relative importance of thermodynamic and kinetic melting point depression of rr-P3HT and to provide a morphological basis for explaining their photophysical performance.
We start with the relation between the size of a rectangular crystallite of a exible polymer and its melting point, as given by the Gibbs-Thompson equation:
where T m and T o m are, respectively, the observed and equilibrium melting temperature, and Dh is the molecular enthalpy of crystallisation per unit volume. L, x, and y are the (lamellar) thickness (i.e. the length of an extended chain segment in a crystalline moiety) and the lateral dimensions of the crystallite; s e , s x , and s y are the surface energies of the terminal ("end") and lateral faces. Here, the former are referred to as the ones that accommodate loops and folds in the polymer chains exiting and re-entering the crystalline lamella. If the polymer chain is axisymmetric, as is the case for various "classical" exible semi-crystalline polymers such as polyethylene and poly(vinylidene uoride) (PVDF), we write: s x ¼ s y . In this work the equilibrium melting point may either refer to the neat polymer (T Here, 4 j indicates the volume fraction of crystallisable polymer; 4 i and 4 k represent volume fractions of the amorphous constituents in the n-component blend;
14 N represents effective molecular size, c is the (temperature-dependent) Flory interaction parameter, DH c is the molar enthalpy of crystallisation, V u the molar volume of a crystallisable repeat unit, and V seg a reference volume, for instance the molar volume of the smallest component in the diluent mixture (in our case chlorobenzene), and R the gas constant.
In order to model the non-equilibrium melting point depression, we note that eqn (1) and (2) do not suffice as (i) the polymer typically exhibits a melting range partly due to the fact that L is not spatially constant, and (ii) kinetic factors that affect L during solvent evaporation are not taken into account. Instead, we seek an effective distribution function for the lamellar thickness, with its rst moment indicating the most abundant value. Expressions are required that describe the change of this distribution function with time, whereby three stages are being considered: (i) primary nucleation, (ii) linear crystal growth, and (iii) melting. For simplicity, non-isothermal secondary thickening is not considered. Besides a description of the crystallization kinetics, a treatment is required that allows for changes in composition e.g. due to solvent evaporation.
Primary nuclei are assumed to already form at low concentration, whereby we consider recent cryo-TEM work 15 demonstrating signicant rr-P3HT crystallization at $1 wt% concentration in support of this assumption. The free energy of a nucleus with dimensions x Â y Â L is written as:
with Dm the free energy of crystallization per unit volume approximated by: Dm z DhðT 
Eqn (4) allows for the denition of an approximate distribution function for the lamellar thickness:
Growth of the nuclei beyond their critical size yields stable crystallites that eventually enter a regime of linear growth.
A well-known model describing linear growth of crystals of exible polymers is the Lauritzen-Hoffman (LH) model. 16 This model is valid if crystallization is dominated by tight chain folding. Linear crystal growth is assumed to take place via surface nucleation of subsequent layers of extended chain segments ("stems") onto the growth face(s) of the crystallites. The model considers an ensemble of crystals, each growing with a constant but individually different lamellar thickness. The theory provides for the denition of a distribution function for the growth rate based on lamellar thickness, of which the rst moment corresponds to the most abundant value for L.
Despite certain criticism 16c concerning its somewhat arti-cial representation of the ensemble, the LH model has shown to accurately reproduce experimental observations and owing to its conceptual and computational tractability continues to provide a popular analytical framework for interpreting experimental crystal growth data, as has for instance been demonstrated for poly (3-caprolactone) 17 and PVDF. 18 rr-P3HT also exhibits sufficient chain exibility 19, 20 to allow for considerable chain folding (as long as M n > 10 kDa), especially if crystallization is given sufficient time.
21 Since in our experiments, crystallisation occurs from relatively slowly evaporating solution-cast lms, we suggest chain folding to be extensive and, hence, consider the LH model applicable.
Rephrasing the above more precisely, LH theory denes a distribution function for the steady state ux S(L) (in s À1 ) of crystallising extended chain segments with length L towards the crystalline substrate:
where A 0 and A are attachment rates of rst and subsequent stems, and B 1 and B are detachment rates of rst and subsequent stems. N 0 represents the number of vacant positions at the growth front, 22 obtained by dividing the growth front surface area by the area occupied by a single repeat unit. The ux equation is multiplied by the polymer volume fraction 4 j if crystallization takes place from solution (instead of the melt).
In writing expressions for the attachment and detachment rates, it is instructive to realize that the rr-P3HT chain is not axisymmetric which in principle gives rise to two distinct growth faces for the p-p and alkyl-stacking directions. Following the LH-protocol, we write the rst stem attachment rate for the two faces as:
The attachment rates of subsequent stems as well as the detachment rates (B) do not depend on the surface energy of the growth faces:
In eqn (7)-(10) j represents an apportioning coefficient 23 tuning the height of the activation barrier and a 0 and b 0 the width of the rr-P3HT chain in the alkyl and p-p stacking direction. b represents a kinetic retardation factor, which at temperatures near glass transition (i.e. T À T g < 100 K) and may be given by a Vogel-Fulcher-Tammann-type expression:
or in the Arrhenius regime (T À T g > 100 K) by:
with kT/h a jump frequency, U* the activation energy for chain segmental motion, and T g À T 0 the temperature at which segmental motion is considered fully imparted; n is the number of chemical repeat units in a polymer chain ($10 3 in the present case) and k a dimensionless factor of order unity resulting from friction experienced by the polymer chain once it is being "reeled" out of the amorphous phase due to the force exerted by crystallization. 22a,24a For the detailed denition of the stem attachment and detachment rates we refer to literature.
16b,24a,25
Moreover, it has been shown experimentally that under the present casting conditions higher molecular weight rr-P3HT (molecular weight above the entanglement limit) forms chainfolded nanobrillar crystals with one-dimensional growth in the p-p stacking direction.
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Instead of taking the usual approach of calculating a total surface nucleation rate by integrating eqn (6) we consider the actual ensemble of crystals evolving in time under isothermal or non-isothermal conditions, either via growth or melting. Loosely phrased, this approach superimposes the growth distribution function, which changes as function of time and temperature, onto the initial Boltzmann distribution of the primary nuclei. 26 We dene the growth rate in the p-stacking direction (x) as:
with y being the width of the growth front situated parallel to the alkyl stacking dimension (making x the p-stacking dimension indicating the growth direction). The present model is insensitive to the exact initial choice of x and y, as long as they are sufficiently large to avoid re-dissolution of the nuclei. We choose x ¼ y ¼ 15 nm (ref. 20) and keep y constant for t > t 0 to allow for the growth of nanobrillar crystals. In the present coarse representation an intermediate transient regime during which the eventual width of the growth front is established is not considered. A simple but intuitive approach to melting is provided for realizing that A < B once T > T m . In LH-terminology this results in a negative "substrate completion rate" g ¼ a 0 (A À B), effectively inverting the "growth" direction of crystals that obey the condition: L < 2s e /Dm. Finally, we implement treatments for solvent evaporation and amorphous vitrication. Relative evaporation rates of CB and CN are calculated assuming the vapour phase just above the liquid lm to be in equilibrium with local partial pressure scaling linearly with activity. Activity coefficients are calculated using the Flory-Huggins model 10 assuming both CB and CN to be good solvents for both rr-P3HT and the fullerenes (i.e. c < 0.5). As now the composition as a function of (relative) time is known, we can estimate the instantaneous glass transition temperature of the amorphous mixture using the Fox equation. 28 For this we require the glass transition temperatures of the neat components (see Table 1 ). The T g 's of CB and CN are unknowns. They are, hence, used as free tting parameters but constrained to be lower than the melting temperatures (228 and 259 K, respectively).
The model is implemented by updating temperature and system-related parameters in a numerical time integration procedure involving two stages: (i) an isothermal stage (T ¼ 293 K) characterized by slow solvent evaporation (on an arbitrary time scale), followed by (ii) a heating stage (293-573 K), representing the DSC run (at a rate of $0.17 K s À1 ). The size evolution of crystals with lamellar thicknesses in the range 0.1 < L < 30 nm is tracked in time by storing both the individual and total volume of crystallites at regular time intervals. At the end of the simulation run the time differential in the total crystal volume (dV) is calculated at each recorded time and temperature. The melting point is taken to be the rst moment of the resulting distribution function:
In view of the approximate nature of the model, we scale the melting point obtained at non-zero fullerene loading by that of neat rr-P3HT instead of considering absolute values. The calculations were performed in a simultaneous tting procedure of all melting point depression data (Fig. 1C) . Model parameters were as much as possible retrieved from literature or xed through measurement. Remaining parameters were treated freely oating, however constrained to remain within reasonable physical limits. The best t result corresponds to the bold solid (black, green) and bold dashed (orange) lines in Fig. 1C with all associated parameter values are listed in Table 1 .
On the inclusion of the data points obtained from the heating runs we note that for the 90 wt% ($86 vol%) ICBA:P3HT blend a clear "end-of-melting" temperature was indiscernible due to the very low signal-to-noise ratio. Furthermore, tting of the P3HT:bis-PCBM data turned out somewhat ambiguous in comparison to P3HT:PCBM and P3HT:ICBA. At bis-PCBM loadings exceeding 40 wt% the recorded melting signal exhibits pronounced variation in shape; including the point corresponding to 4 bisPCBM ¼ 61 vol% (open orange triangle) led to physically unrealistic results. The exact reason for the uctua-tion is unclear. Only including data points corresponding to a low bis-PCBM loading, for which a minor contribution from the approach to glass transition is expected, resulted in the dashed orange line in Fig. 1C and corresponds to the values between brackets in Table 1 .
Before discussing the values listed in Table 1 a few remarks concerning the calculation are in place. First, the LH model assumes crystallization to take place in an innite bath of the amorphous blend and therefore does not allow for the calculation of the ratio of crystalline to amorphous material in a particular sample. Second, it is assumed that the crystal surface energies do not vary with solvent or fullerene content, as might be expected considering ref. 21b. Nevertheless, the t results appear relatively insensitive towards moderate variations in surface energy. Third, the activation barrier for an approach of chain segments to and from the crystalline face ðU * P3HT Þ is considered independent of polymer concentration, reasoning that the value does not vary greatly as crystallization predominantly takes place in a highly concentrated regime nearly devoid of CB.
The Flory-Huggins interaction parameters obtained from curve tting (Table 1) 31 There can be multiple reasons for this discrepancy. We used materials from cast lms and deduced values from the 1st heating scan, while specic details are not given in ref. 31 . In addition, small variations in regioregularity, dispersity, molecular weight, etc., will affect the miscibility of a given polymer with a second component and, hence, c. We are moreover somewhat hesitant making a thorough comparison because Kozub et al. did not specically address the fact that evaluation of c using eqn (2) requires the equilibrium melting temperatures (corresponding to L / N). Equilibrium melting points are usually obtained using the Hoffman-Weeks extrapolation method, 34 however this has not been addressed as such in ref. 31 . We can say however that a lower value of c polymer-fullerene is consistent with the fact that, so far, no tendency for amorphous demixing during casting (e.g. via spinodal decomposition) has been found for P3HT:fullerene blends, in contrast to some low band gap polymers:fullerene systems where this process was clearly observable.
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Since the oen quoted value of the enthalpy of fusion of rr-P3HT (DH c ) of 16 kJ mol À1 reported by Malik et al. 30 has recently been challenged to be about a factor two lower, 33, 36, 37 typically leads to a higher absolute value for c P3HT-ICBA (c P3HT-ICBA ¼ 0.3), while the other parameters remain more or less unchanged. As we will see, a lower value for DH c leads to a more pronounced thermodynamic contribution to the melting point depression, as it appears in the denominator in the RHS of eqn (2). As a nal remark, the apportioning coefficients j 0 and j 1 as well as the activation barrier for chain segmental motion at the crystalline-amorphous interface ðU PCBM and ICBA could only be reproduced satisfactory by assuming a signicantly lower value for j 1 .
In order to discriminate between kinetic vitrication and thermodynamic contributions, Fig. 1C also shows data corresponding to calculations assuming the following hypothetical cases: (i) c fullerene-P3HT ¼ c PCBM-P3HT ¼ 0.4 (orange and green dashed thin lines), and (ii) c fullerene-P3HT ¼ c PCBM-P3HT ¼ 0.4 and T g (fullerene) ¼ T g (rr-P3HT) (dotted lines) to complement the calculations providing the best t result. Comparing the three data sets, we conclude that in all cases both the effect of thermodynamic and kinetic vitrication due to the presence of the fullerene is considerable. This exercise also shows that the thermodynamic contribution seems to be largely associated with the curvature in the melting point depression, whereas the effect of kinetic vitrication causes a more linear dependence on fullerene fraction. Interestingly, the results for ICBA suggest that in this case the thermodynamic contribution to melting point depression seems to dominate over the effect of vitrication associated with the high glass transition temperature. We note that the effect is reversed in case a higher value for DH c is used in the curve tting, i.e. with concomitant decrease in interaction parameter differences. In other words, considering the approximate nature of the model, it is hard to determine which effect dominates under the actual experimental conditions or whether their contributions are comparable. Nevertheless, irrespective of the exact input parameter values the overall effect is that the growth of rr-P3HT crystals is hindered increasingly more effective in the order bis [ ) of the rr-P3HT fraction in the various blends from the endothermic signals (Fig. 1D) , which is directly correlated to the polymer's degree of molecular order and, hence, gives an indication of how strongly a given fullerene hinders the polymer's crystallisation: a lower DH PCBM (respectively, squares and triangles) due to the stronger repulsive interaction between donor and acceptor, as represented by the higher Flory interaction parameters. While we ignore the fact that ICBA is a mixture of isomers, which may inuence vitrication and the formation of an intermixed phase, we like to highlight that for bis-[60]PCBM, which is also such a mixture, we do not observe a strong vitrication/ intermixing. Strikingly, the effect the different fullerenes have on the crystallization of rr-P3HT is reected by the extent they quench the rr-P3HT's photoluminescence (PL), with the photoluminescence quenching (PLQ) giving a direct indication of the degree of molecular mixing of the two components (Fig. 2) . Indeed, while all blends exhibit increased quenching with fullerene content, those comprising bis Based on the PL data as well as our calculations, we suggest a structural picture where the polymer can crystallise to the greatest extent in the binary comprising bis[60]PCBM which has the lowest thermodynamic miscibility with rr-P3HT. This results in more prominent phase separation of this fullerene with rr-P3HT and, hence, the lowest amount of PL quenching. At the other side of the spectrum are the [60]ICBA-containing blends; of all studied fullerenes, [60]ICBA has the highest thermodynamic compatibility with rr-P3HT and also acts as the strongest vitrier, inhibiting the crystallisation of rr-P3HT during the casting process most, in agreement with our PLQ data.
Intriguingly, the different tendencies towards kinetic and thermodynamic vitrication of the various blends seem to correlate with the J sc of OPV devices fabricated with them ($55 wt% rr-P3HT; Fig. 3 ). The highest J sc is observed for the blends comprising the greatest fraction of solid solution (rr-P3HT:[60]ICBA and rr-P3HT:[60]PCBM), compared to the more prominently phase-separated rr-P3HT:bis[60]PCBM binary. Since the three systems had similar absorption proles (Fig. 4, le) we can eliminate differences in number of absorbed photons as the origin of this difference in J sc . The Hecht expression 38 was therefore used to assess whether the differences in the microstructure affected recombination processes in the corresponding active layers (Fig. 4, right) . Across the light intensities probed, all three systems exhibited generally monomolecular recombination characteristics, implying a similar recombination mechanism in all cases. This is signicant as it indicates that even with drastically varied fractions of nely intermixed and crystalline material, corroborated by grazingangle incidence wide-angle X-ray scattering (GIWAXS; see Fig. 5 ), recombination losses are comparable for all the rr-P3HT:fullerene systems investigated. Based on our observations, we thus attribute the difference in J sc of the devices to a change in conversion of the absorbed photons into free charge carriers. For the systems where smaller fractions of intermixed solid solution co-exist with phase-pure polymer (deduced from DH P3HT f ) and likely phase-pure fullerene domains, less charges are generated, supporting the picture that exciton dissociation occurs in nely intermixed phases as long as minority fractions of a phase-pure donor and/or acceptor are present.
39, 40 In agreement with this model is also the fact that we observe changes in the ll factor indicating a slightly more bias-independent charge collection efficiency in the systems containing higher intermixed fractions; though it should be noted that the differences we observe are modest to draw full conclusions (from 0.66, 0.67 and 0.70 when changing the fullerene from bis In summary, we have demonstrated that the crystallization behaviour of rr-P3HT as a polymeric component in solution-cast polymer:fullerene blends for organic PV strongly depends on the nature of the fullerene derivative. This is due to a [small] difference in their miscibility, but mainly because of a difference in how strongly the polymer gets vitried, both due to thermodynamic and kinetic reasons, upon addition of the fullerene. Thermal analysis shows that the degree of crystallinity and the non-equilibrium melting point in solution-cast blend lms is suppressed with increasing fullerene content, the effect becoming increasingly pronounced in the order of: bis-[60]PCBM < [60]PCBM < [60]ICBA. Curve tting the thermal analysis data using a combination of Lauritzen-Hoffman and Flory-Huggins theory reveals that the differences in melting point depression cannot be purely explained by thermodynamics, despite the fact that the miscibility of the fullerene derivatives with rr-P3HT increases in the same order. Instead, kinetic vitrication of the blends caused by the relatively high glass transition temperature of the fullerenes provides for an essential contribution to explain the overall effect. This phenomenon is likely to be even more pronounced in OPV blends comprising some of the new, high-performance donor polymers, such as PTB7 that already in the neat form oen have a low tendency to crystallise. It also occurs in blends of PCE11 (i.e., PffBT4T-2OD), which has a strong tendency to aggregate in solution, 41 and [60] PCBM that have been demonstrate to display efficiencies >10%. 41 Indeed, we nd a pronounced cold-crystallisation exotherm in the rst heating thermogram of a 1 : 1 PCE11 : [60]PCBM blend drop-cast at 100 C (Fig. 6) -that is in a scenario where the solvent is extracted relatively fast -while for the two neat components (PCE11, [60]PCBM), no such feature was observed. Very similar to P3HT, the addition of the fullerene clearly hinders crystallisation of the PCE leading to at least partial vitrication of the blend. The vitrication effect is pronounced; when casting the same system (PCE11:[60]PCBM) at room temperature and more time is given to phase separate, cold crystallisation still occurs in the blends (Fig. S1 †) , highlighting that even in systems where the donor can pre-aggregate in solution vitrication effects cannot be neglected.
Knowledge of vitrication, and the fact that not only thermodynamic arguments need to be considered, is important as presence (or absence) of a highly intermixed, (vitried) phase signicantly inuences the optoelectronic processes within the resulting donor:acceptor blends, evidenced by the increase in exciton dissociation rate with the fraction of the intermixed (non-crystalline) phase. At the same time it is important to realize that efficient charge extraction relies on the presence of phase pure/crystalline regions. In case that crystallization of rr-P3HT is considerable, exciton dissociation becomes less efficient, as evidenced by a decrease in photoluminescence quantum yield and lower short circuit current. Overall, our results emphasize the delicate balance of phase compositions required for optimal device performance and highlight the importance of processing memory on the nal microstructure, for which consideration of vitrication processes is of paramount importance. Indeed, both thermodynamic and kinetic factors inuence vitrication of donor:acceptor blends -both factors that can be inuenced by materials design and judicious choice of deposition conditions.
Materials and methods

Materials
We selected a rr-P3HT with a molecular weight close to a recently reported material (weight-average molecular weight, M w : 135 kg mol À1 , Đ: 1.9, RR: 99%) 42 that had shown best performance amongst a range of P3HTs when blended with fullerenes and that can be expected to lead to a semicrystalline morphology with crystalline moieties embedded in an amorphous 'matrix'. 43 It was prepared using the same route as described in ref. 42 , i.e. by a Grignard metathesis polymerisation at 55 C with a 0.15 mol% catalyst loading of Ni(dppp)Cl 2 .
The polymer was puried by Soxhlet extraction with methanol and then extracted with chloroform. Weight-average molecular weight and dispersity (Đ) were determined by size-exclusion chromatography (SEC) using an Agilent 1200 series GPC-SEC running chlorobenzene at 80 C. The instrument was tted with two PL gel mixed-B columns in series, and calibrated against polystyrene standards. Regioregularity (RR) was determined by integration of the alpha-methylene region in the 1 H NMR spectrum. PCE11 (i.e. PffBT4T-2OD) was purchased from Ossila Limited, UK with an M n > 55 kg mol À1 and a dispersity, Đ ¼ 2.14 (according to the data sheet provided). The fullerenes were supplied by Solenne BV.
Blend fabrication
Blend samples were prepared by dissolving the appropriate polymer : fullerene ratio (20 mg ml À1 total mass) in chlorobenzene to which 1.5 vol% chloronaphthalene was added. Spincoating was carried out at 1200 rpm for 45 s, followed by 2000 rpm for 7 s. Optical samples were prepared on glass; GIWAXS samples on silicon wafer, and OPV devices on ITO glass as discussed below. For thermal analysis, lms were drop-cast rather than spin coated.
Device fabrication
Glass substrates coated with ITO were cleaned in acetone in an ultrasonic bath, followed by sequential washing in deionised water comprising 2 vol% soap, deionised water and isopropyl alcohol for 20 minutes each, followed by drying with nitrogen. A 40 nm layer of poly(3,4-ethylenedioxythiophene):poly(styrenesulfonate) (PEDOT:PSS) (Clevios PVP Al 4083) was coated via spin-coating at 4000 rpm, 40 s and then dried on a hotplate at 165 C for 10 min.
rr-P3HT:fullerene blend solutions were subsequently deposited as described above. All systems were drop-cast at 100 C. A noticeable cold crystallisation exotherm is observed for the binary, while such an exothermic feature is missing in the neat components, highlighting that even for materials that can strongly aggregate in solution, such as PCE11, vitrification occurs upon blending with a fullerene.
PCBM and [60]ICBA respectively, due the successively higher LUMOs these materials.
Differential scanning calorimetry
Differential scanning calorimetry was carried out on lms that had been drop-cast onto glass slides and then dried under vacuum for 4 days to remove residual solvent, following procedures described in ref. 44 . The lms were scratched from the substrates and placed into a DSC pans. Heating was carried out at 10 C min À1 over a temperature regime of 40-270 C under a nitrogen atmosphere, utilising a Mettler Toledo DSC822. Phase diagrams were constructed from the end-of-melting temperature as also described in ref. 44 . We note, the P3HT:[60] PCBM binary displayed a very similar phase behaviour as described in ref. 44 , with a eutectic composition around 35 to 40 wt%. The eutectic temperature is not as sharp as in ref. 44 , which we attribute to the higher molecular weight-nature of the donor polymer we used here. We also note that we could not measure the melting point depression of the fullerene in systems comprising ICBA or [60]bis-PCBM as these two fullerenes did not display a notable melting temperature even when used in their neat form.
Steady-state photoluminescence (PL)
All measurements utilised a Horiba Spex Fluormax-1 spectrouorometer with an acquisition angle of 60 . The intensity of emission was corrected for the density of absorbed photons using the following equation:
where A is the absorption at the excitation wavelength. All samples were excited at 520 nm and emission measured between 540-800 nm.
